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In this research, the eﬀects of Mn and Si concentration and that of the isothermal intercritical
holding temperature on the austenite-to-ferrite (c ﬁ a) and the martensite-to-austenite (a¢ ﬁ c)
phase transformations are studied for a series of Fe-C-Mn-Si steels with up to 7 wt pct Mn. The
model is based on the local equilibrium (LE) concept. The model predictions are compared to
experimental observations. It is found that the austenite volume fraction at the end of inter-
critical annealing depends signiﬁcantly on the initial microstructure. For Mn concentrations
between 3 and 7 wt pct, the LE model is qualitatively correct. However, at higher Mn levels the
discrepancy between the predicted austenite fractions and the experimental values increases, in
particular for the a¢ ﬁ c transformation. Intragrain nucleation is held responsible for the higher
austenite fractions observed experimentally. Silicon is found have a much smaller eﬀect on the
kinetics of the intercritical annealing than Mn.
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I. INTRODUCTION
The intercritical annealing treatment involves heating
or cooling to and holding at a temperature between the
Ae1 and the Ae3 temperature to obtain partial austeniti-
zation. The treatment is part of almost any process routes
to create multiphase steels. The kinetics of the transfor-
mation from austenite to ferrite and vice versa during the
intercritical annealing determines the austenite/ferrite
fractions and eventually the mechanical properties. Hence
the topic has been the subject of continued scientiﬁc
interest as well as a key factor in the industrialization of
multiphase steels.[1–8] It is, therefore, important to develop
models for the kinetics and the ﬁnal phase fractions
during intercritical annealing. The models should be
capable to handle diﬀerent initial microstructures corre-
sponding to diﬀerent process routes and to capture the
eﬀects of key alloying elements such as C, Si, andMn.[9,10]
It has been shown that in steels with a low concentra-
tion of Mn, the Mn enrichment at the moving austenite-
ferrite interface is of crucial importance in determining
the transformation kinetics.[11–17] Three main concepts
have been formulated to describe the transformation
between austenite and ferrite in the two-phase region: (i)
Full equilibrium (FE)[18] in which all alloying elements
redistribute till equilibrium is reached everywhere in
system. In the case of FE, the fraction of ferrite or
austenite in the intercritical region is ﬁxed at a given
temperature, irrespective of the starting microstructure.
(ii) para equilibrium (PE)[19,20] in which it is assumed that
the phase transformation can proceed without any
redistribution of the substitutional alloying element M
(M = Mn, Si, Mo, etc.) and only the Carbon redis-
tributes such that the chemical potential of carbon across
any austenite-ferrite interface is constant. At a certain
temperature, there is only one PE tie-line, which means
that the PE fraction of ferrite or austenite is also ﬁxed at
that speciﬁc temperature. (iii) Local equilibrium (LE):[21–
25] In the LE model, the interface is assumed to migrate
under full LE with partitioning of both C and M. Due to
the large diﬀerence in the diﬀusivities of C and M, there
are two diﬀerent transformation modes: (a) LE with
negligible partitioning (NPLE) mode. In this mode, the
concentration of M in ferrite is the same as that in
austenite, but there is a M spike in front of the migrating
interface as a result of the assumed LE condition. The
transformation rate is eﬀectively controlled by carbon
diﬀusion and is relatively fast; and (b) LE with parti-
tioning (PLE) mode, in which the carbon gradient in
austenite is negligible, while that of M is large. In this
mode, the transformation rate is governed by the rate of
M partitioning, and is extremely sluggish. Depending on
the composition of a material, the transformation could
start in NPLE mode, and then proceed in the PLE mode.
In practice, the point at which the transformation mode
switches from NPLE to PLE is regarded as the termina-
tion of the transformation.[13–15,26–32] For modest anneal-
ing times, the ﬁnal phase fractions obtained after
annealing correspond to the phase fraction achieved in
PLE mode.[16,33–35] A similar halting criterion has been
formulated in a recent model for a grain growth model
involving boundary loading by impurities.[36]
Medium and high Mn steels have drawn much atten-
tion in recent years in the development of the 3rd
generation advanced high strength steels, combining
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excellent mechanical properties and reasonable material
and production costs.[28,33,37,38] These steels are generally
subjected to intercritical annealing so as to redistribute the
Mn and to tailor the amount, morphology, and stability
of the retained austenite after the ﬁnal cooling.[39–43] For
higher Mn concentrations, the transition point from
NPLE to PLE during the intercritical annealing, starting
from diﬀerent initial microstructures may diﬀer signiﬁ-
cantly. Hence the transition conditions are crucial in
determining the ﬁnal microstructure (and the mechanical
behavior) in the medium Mn steels.[38,42–46]
In a previous study[16] for low Mn steels (Mn levels up
to 1.5 wt pct), it was shown that the LE model provides
the more accurate predictions of austenite fractions (fc)
after the intercritical heat treatment starting from
diﬀerent initial microstructures, while FE and PE
models failed to deliver satisfactory estimates. In the
current study, the LE model is employed to study the
eﬀects of Mn and Si additions on the NPLE to PLE
transition during the intercritical annealing, for both the
austenite-to-ferrite (c ﬁ a) and the martensite-to-
austenite (a¢ ﬁ c) transformations, for steels with up
to 7 wt pct Mn. The model predictions are compared to
experimental metallographic data on samples subjected
to well-deﬁned heat treatments.
II. MODELING AND EXPERIMENTAL
PROCEDURES
The LE and FE models were applied to simulate the
c ﬁ a and the a¢ ﬁ c transformations in a series of
four Fe-C-Mn-Si alloys with compositions listed in
Table I, at diﬀerent intercritical annealing temperatures
of 933 K, 953 K, and 973 K (660 C, 680 C, and 700 C).
While earlier studies in the literature [13,14,16,27,31,47,48]
focused on Mn levels up to 3 pct, in this study Mn
levels up to 7 pct are examined both computationally and
experimentally. The corresponding Ae1 and Ae3 temper-
atures were calculated by Thermo-Calc coupled to the
TCFe7 database. The values calculated for each steel are
also listed in Table I. The transformation kinetics simu-
lations were performed using the DICTRA software
linked to the TCFE7 and MOB2 databases. Unless stated
otherwise, a 1D geometry representing an austenite grain
size of 50 lm was used in the simulations. To test the
eﬀect of cell size on the transformation behavior, the
simulations were also executed using diﬀerent cell sizes.
The a¢ ﬁ c transformation is also modeled assuming the
same highly simpliﬁed planar geometry for the interface
between the martensite and the austenite. In Figure 1,
sketches of the initial simulation setups (an austenitic
starting state or a martensitic starting state respectively)
for the two transformation scenario are shown. The
martensite can be modeled by the ferrite phase in
DICTRA by imposing the appropriate concentrations
and (ferritic) diﬀusion coeﬃcients. The simulation studies
focused only on intercritical annealing conditions. For all
simulations, the transformation time was ﬁxed at
104 seconds.
Real metallurgical experiments were also preformed
to validate the model predictions. In the experiments,
the specimens were subjected to heat treatment schemes
as illustrated in Figure 2. For the martensite-to-austen-
ite transformation, the specimen was isothermally held
at 1173 K (900 C) for 900 seconds, followed by water
quench with cooling rate of ~75 K/s, to obtain a full
martensitic structure, and subsequently heated to the
Table I. Nominal Composition of Studied Alloys with Calculated A1 and A3 Temperatures by Thermo-Calc
Nominal Composition in wt pct Calculated Temperatures by Thermo-Calc
Index C Mn Si Fe A1 A3
A 0.1 3.0 0 bal. 878 K (605 C) 1050 K (777 C)
B 0.2 5.0 0 bal. 818 K (545 C) 991 K (718 C)
C 0.2 5.0 1.6 bal. 823 K (550 C) 1015 K (742 C)
D 0.2 7.0 1.6 bal. 673 K (400 C) 968 K (695 C)
Fig. 1—Sketch of simulation setup for (a) the austenite-to-ferrite transformation, and (b) the martensite-to-austenite transformation.
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intercritical regime at a heating rate of ~15 K/s and kept
at the intended temperature for 7200 seconds. For the
austenite-to-ferrite transformation, the specimen was
austenitized at 1173 K (900 C) for 900 seconds and
cooled in the furnace with a cooling rate of ~0.5 K/s
then isothermally kept in the two-phase region for
7200 seconds. Both heat treatment routes were termi-
nated with water quenching at the end of the intercritical
annealing. The phase fractions were obtained by quan-
titative metallography based on optical micrographs
after Nital etching.
III. RESULTS
In Figure 3, the austenite fractions as a function of
time as predicted by LE model during the isothermal
holding at 933 K (660 C), for either the c ﬁ a (3a) and
the a¢ ﬁ c (3b) transformations are presented for the
four alloys studied. The LE model predicts that the
kinetics depends on the initial microstructure, while the
FE predictions for each of the alloys studied are
transformation path independent. The LE model pre-
dicts that no transformation, i.e., fa  0 occurs in case
of an austenitic starting state. Interestingly, however, for
all alloys the LE model predicts that the a¢ ﬁ c
transformation progresses signiﬁcantly. As can be seen
in Figure 3(b), there is a primary fast mode in the
kinetics of a¢ ﬁ c transformation during the ﬁrst
10 seconds followed by a rather sluggish increase in c
fraction (NPLE/PLE transition). This interesting phe-
nomenon implies that the NPLE/PLE transition point
strongly depends on the transformation path and the
alloy composition, as was also observed for the lower
Mn levels.[16] According to LE model, when the con-
centration of Mn in ferrite is the same as in the austenite
and the transformation is controlled by C diﬀusion in
initial phase only and the process is fast. Since the
diﬀusivity of C in ferrite is much higher than that in
austenite, the a¢ ﬁ c transformation rate is signiﬁcantly
faster than the c ﬁ a phase transformation. Further-
more, diﬀerences in the NPLE/PLE transition of four
alloys reveals eﬀects of Mn and Si in the a¢ ﬁ c
transformation, as shown in Figure 3(b). An increase
in the Mn content, results in an earlier NPLE/PLE
transition and a higher ﬁnal austenite fraction for a ﬁxed
intercritical annealing temperature. In addition, the
presence of concentration spike of substitutional alloy-
ing elements at the interface in composition proﬁles in
low transformation rate conﬁrms the transition in
kinetics of the phase transformation.[15,27,31,48] A com-
parison of the red and blue transformation curves shows
that changes in the Si level only have a small eﬀect on
the transformation behavior.
As stated earlier, real metallurgical isothermal trans-
formation experiments were performed in order to
validate the LE model predictions. In Figure 4, the
typical microstructures of the sample A (0.1 wt pct C &
3.0 wt pct Mn) quenched from the c ﬁ a and a¢ ﬁ c
Fig. 2—Heat treatment diagram illustrating two diﬀerent transfor-
mation routes.
Fig. 3—Austenite fraction as a function of heating time in the intercritical zone predicted by LE modeling for (a) austenite-to-ferrite and (b)
martensite-to-austenite transformation at T = 933 K (660 C).
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phase transformations, after annealing for 7200 seconds
at T = 933 K (660 C), are presented. The micrographs
show that only a very small fraction of austenite
transformed into grain boundary ferrite during the
c ﬁ a transformation. In the experiments, the average
prior austenite grain size was found to be ~50 lm. As
mentioned above, simulations were done assuming a
variety of cell sizes from 10 to 100 lm. Figures 5(a)
through (d) illustrates the eﬀect of cell size on the
transformations kinetics in diﬀerent alloys at
T = 933 K (660 C) for both c ﬁ a and the a¢ ﬁ c
transformations. Changing the simulation cell size from
50 to 100 lm does not have a noticeable impact on the
kinetics of c ﬁ a transformation. However, for all
Fig. 4—The typical microstructures of the Fe-0.1C-3.0Mn alloy sample quenched after (a) the austenite-to-ferrite transformation and (b) marten-
site-to-austenite transformation at T = 933 K (660 C). The annealing time is 7200 s.
Fig. 5—The eﬀect of cell size on the simulated kinetics of phase transformations in (a) Fe-0.1C-3.0Mn, (b) Fe-0.2C-5.0Mn, (c) Fe-0.2C-5.0Mn-
1.6Si and (d) Fe-0.2C-7.0Mn-1.6Si.
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alloys the kinetics in the a¢ ﬁ c transformation is
signiﬁcantly aﬀected when reducing the simulation cell
size from 50 to 10 lm, as the kinetic transition from fast
carbon controlled to slow alloying element-controlled
growth (NPLE/PLE transition) depends on cell size.
Thus, the value of fc at the end of simulation time,
approximately halves by halving the cell size. To
highlight only the eﬀect of composition and initial
microstructure on the transformation, the cell size in the
a¢ ﬁ c simulation is taken the same as for the c ﬁ a
transformation, i.e., 50 lm. The eﬀect of simulation cell
size will be re-addressed when comparing the experi-
mental results to the model predictions.
Figure 6 shows the fractions of austenite as predicted
by the LE model, the FE model and the experimental
results for both c ﬁ a and the a¢ ﬁ c transformations
for all studied alloys at T = 933 K, 953 K, and 973 K
(660 C, 680 C, and 700 C). The experimental values
at 973 K (700 C) are not plotted in this ﬁgure because
of the high uncertainty in the quantiﬁcation of the
phase fractions due to the ﬁne mixture of two phases
and the lower optical contrast diﬀerence. As seen in
Figure 6(a), the LE model predictions in Fe-0.1C-
3.0Mn system are in good agreement with experimental
values. The FE model predicted austenite fraction is not
reached at any of the temperatures studied, irrespective
of the starting microstructure. For Mn concentrations
beyond 3 wt pct, the data in Figures 6(b) through (d),
show that the ﬁnal austenite fractions in the c ﬁ a
transformation are well predicted by the LE model.
However, the diﬀerences between simulations and
experiments for a¢ ﬁ c transformation become larger
at higher Mn and Si levels. The LE model underesti-
mates the experimental austenite fractions. This obser-
vation is in agreement with Enomoto’s earlier results.[49]
Comparison of Figures 6(b) and (c) conﬁrms the
systematic eﬀect of Si on reducing austenite formation.
It is worth noting that according to Figure 6, the
experimental values of fc in a¢ ﬁ c phase transforma-
tion get closer to the full equilibrium predictions upon
increasing Mn content. This phenomenon can be
attributed to the availability of large number of
nucleation sites in the initial martensitic microstructure
and the late occurrence of the NPLE/PLE transition.
IV. DISCUSSION
We ﬁrst focus on the results obtained at a ﬁxed
temperature of T = 933 K (660 C). The isothermal
sections of the Fe-C-Mn phase diagram, without and
with 1.6 wt pct Si, created by Thermo-Calc coupled to
the TCFe7 database are shown in Figure 7. According
to References 46 and 50 in the case of ferrite formation
Fig. 6—Experimental and modeling results of austenite fraction in (a) Fe-0.1C-3.0Mn, (b) Fe-0.2C-5.0Mn, (c) Fe-0.2C-5.0Mn-1.6Si, and (d) Fe-
0.2C-7.0Mn-1.6Si.
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(Figures 7(a) and (c), the boundaries between PLE
region (shown in green color) and NPLE region
(shown in pink color) run between the intersection of
the a/(a+ c) phase boundary with the axis of the Mn
content and the intersection of the c/(a+ c) phase
boundary with the axis of the C content. For the
austenite formation (Figures 7(b) and (d)), the PLE/
NPLE boundary can be described by the curve
connecting the intersection of the c/(a+ c) phase
boundary with the axis of the Mn content to the
intersection of a/(a + c) phase boundary with the axis
of the C content. The points indicated by A, B, C, and
D in Figures 7(a) through (d) refer to the alloys
speciﬁed in Table I. For all four alloys, ferrite growth
from austenite starts in the PLE mode. Hence both C
and Mn (and Si in the case of Fe-0.2C-5.0Mn-1.6Si and
Fe-0.2C-7.0Mn-1.6Si alloys) redistribute into the
untransformed austenite according to the PLE iso-
activity (so-called tie-lines) indicated by blue lines in
Figures 7(a) and (c). The tie-lines in PLE mode region
are obtained when the chemical potentials of each
component are equal in both c and a phases. Since both
substitutional alloying elements have signiﬁcantly
lower diﬀusion coeﬃcients than C, the ferrite growth
rate is sluggish and is controlled by partioning of Mn
(and Si).[51] As shown in Figures 7(b) and (d), the
austenite formation from ferrite for the four alloys
starts under NPLE mode and continues with C
depletion in the untransformed ferrite according to
the horizontal blue tie-lines. Carbon is redistributed to
keep the chemical potentials equal in each phase and
Mn has the same concentration both in c and a and has
unequal chemical potentials in both phases. When the
composition of ferrite reaches the NPLE/PLE bound-
ary, the austenite growth mode switches to the PLE
mode. Albeit the a¢ ﬁ c transformation starts in NPLE
mode, Mn and Si concentration proﬁles also develop
across the interface at prolonged isothermal holding
time.[46,52] The transformation stops well before the full
equilibrium condition is reached. These observations
are in good agreement with the Dictra simulations
shown in Figures 3(a) and (b).
Fig. 7—Isothermal section of an equilibrium phase diagram showing boundary of PLE/NPLE at T = 933 K (660 C) in (a) ferrite and (b)
austenite formations in C-Mn steel, and (c) ferrite and (d) austenite formations in C-Mn steel with 1.6 wt pct Si.
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Figure 8 summarizes the model and experimental
results for the four alloys studied. It is clear that that Mn
and Si content directly aﬀect the Ae1 and Ae3 temper-
atures, and thus the full equilibrium fractions of ferrite
or austenite at the ﬁxed temperature of 933 k (660 C).
As reported in References 53 through 55 nucleation of
austenite not only occurs at the grain boundaries but
also at interfaces of a/a and a/carbides. This simultane-
ous nucleation on the carbides is not taken into account
in the 1D model. It is worth noting that formation of
cementite, which is neglected in the modeling part,
aﬀects the experimental value of fc. Although Si is
known to retard the cementite formation, however, it
does not completely suppress the precipitation and
cementite will appear after a long annealing times.[56,57]
It is worth noting that considering the observed eﬀect
of simulation cell size on the predicted value of fc, it is
clear that varying the cell size does not aﬀect the overall
trend of predicted fractions for both c ﬁ a and the
a¢ ﬁ c transformations. In the current analysis, the cell
length of a¢ ﬁ c is taken the same as the c ﬁ a
transformation, i.e., 50 lm. Using the lath width for
the a¢ ﬁ c transformation might be an alternative,
however, due to the continuous recovery of martensite
and low angle lath boundaries at such high temperature,
capturing the eﬀect of a transient initial eﬀective
computational cell size is complex and outside the scope
of the present study.
V. CONCLUSIONS
In this study, the eﬀect of initial microstructure and
isothermal holding temperature in the intercritical zone
was studied experimentally and theoretically for a series
of steels with Mn content up to 7 wt pct. The following
results are obtained:
(1) There is a significant difference in the transfor-
mation rate between the c ﬁ a and a¢ ﬁ c trans-
formations.
(2) For the alloy compositions and temperatures
considered here, the c ﬁ a transformation starts
in PLE mode and the ferrite growth rate is
constrained by the redistribution of Mn and Si.
However in the case of the a¢ ﬁ c transformation,
the austenite growth starts in the NPLE mode and
shifts to PLE by depletion of C in the martensitic
ferrite matrix.
(3) For Mn levels between 3 and 7 wt pct, the LE
model is qualitatively correct but does not predict
the austenite fraction in a¢ ﬁ c transformation
with high enough accuracy.
(4) For the higher Mn level steels, the additional
intragranular nucleation of austenite during
a¢ ﬁ c transformation increases the fc at the end
of the intercritical holding stage of 104 seconds,
which is not captured by 1D geometry of LE
model.
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